Microcrystalline silicon carbide (lc-SiC:H) deposited by hot wire chemical vapor deposition (HWCVD) and plasma-enhanced chemical vapor deposition (PECVD) provide advantageous optoelectronic properties, making it attractive as a window layer material in silicon thin-film and silicon heterojunction solar cells. However, it is still not clear which electrical transport mechanisms yield dark conductivities up to 10 À3 S/cm without the active use of any doping gas and how the transport mechanisms are related to the morphology of lc-SiC:H. To investigate these open questions systematically, we investigated HWCVD and PECVD grown layers that provide a very extensive range of dark conductivity values from 10 À12 S/cm to 10 À3 S/cm. We found out by secondary ion mass spectrometry measurements that no direct correlation exists between oxygen or nitrogen concentrations and high dark conductivity r d , high charge carrier density n, and low activation energy Ea. Higher r d seems to rise from lower hydrogen concentrations or/and larger coherent domain sizes L SiC . On the one hand, the decrease of r d with increasing hydrogen concentration might be due to the inactivation of donors by hydrogen passivation that gives rise to decreased n. On the other hand, qualitatively consistent with the Seto model, the lower r d and lower n might be caused by smaller L SiC , since the fraction of depleted grain boundaries with higher Ea increases accordingly. Published by AIP Publishing. [http://dx
I. INTRODUCTION
Microcrystalline crystalline silicon carbide (lc-SiC:H) is a semiconductor material that is very suitable as a window layer in silicon-based thin-film solar cells 1,2 and silicon heterojunction solar cells, 3, 4 due to the combination of wide band gap and high electrical conductivity. The deposition of lc-SiC:H using hot wire chemical vapor deposition (HWCVD) 5 or plasma-enhanced chemical vapor deposition (PECVD) has been described by several research groups in the past. 6, 7 They reported on the n-type characteristic of the films, although no doping gas was actively added to a gas mixture of monomethylsilane (MMS) and molecular hydrogen. Nevertheless, intentional n-doping of lc-SiC:H with nitrogen 8 or phosphine 6 and intentional p-doping of lcSiC:H by overcompensation with aluminum 9,10 or boron 11 are also possible. Although, the electrical conductivity of the material can be enhanced by several orders of magnitude by the active doping, the highest optical transparency is obtained in lc-SiC:H without any active doping. Therefore, we are interested in using this unintentionally n-doped lcSiC:H as a window layer and in improving its electrical conductivity without any doping gas, which requires a better understanding of its electrical transport mechanisms. To date, it is known that dark conductivity increases with higher crystalline volume fraction. 2, 6 However, K€ ohler et al. 12 showed that the material is either crystalline or amorphous. Therefore, it is still unclear, how the structural properties of lc-SiC:H are related to the electrical properties.
In order to perform a reliable and systematic study of the electrical properties of lc-SiC:H, a number of layers have been prepared with HWCVD and PECVD which cover a large range of dark conductivity, namely, from 1.0 Â 10 À12 to 3.0 Â 10 À3 S/cm. In this paper, we discuss the influence of stoichiometry, hydrogen (H) concentration, oxygen (O) and nitrogen (N) impurities, and silicon carbide (SiC) coherent domain size, on the electrical properties as dark conductivity (r d ), charge carrier mobility (l), charge carrier density (n), and activation energy (E a ) for HWCVD as well as for PECVD lc-SiC:H.
II. EXPERIMENTAL DETAILS
The lc-SiC:H layers were deposited either in a HWCVD vacuum chamber with three curled rhenium wires or in a PECVD vacuum chamber with an excitation frequency of 81.36 MHz. In both cases, we varied the flow rates of the MMS gas (F MMS ), which is diluted to 5% in H 2 , from 2-20 sccm, and adapted an additional H 2 flow rate to keep the H 2 dilution at 99.7%. All other deposition parameters were kept constant. For HWCVD, the pressure was kept at 75 Pa, the heater temperature was 250 C, and the filament temperature was 1950 C. For PECVD, the pressure was kept at 100 Pa, the heater temperature was 450 C, and the forward power was 120 W. All films were deposited on Corning glass (EAGLE XG) and p-type silicon wafer (100). Deposition time has been adjusted to achieve a thickness of a)
Author to whom correspondence should be addressed. approximately 200 nm for all layers in the study. The thickness was measured by profilometer.
We derived an average cubic SiC coherent domain size (L SiC ) from X-ray diffraction (XRD) measurements by applying the Scherrer equation 13 on the 3C-SiC peak which involves peak position and full width at half maximum (FWHM). Fourier transform infrared (FTIR) measurements served as a comparison of the Si-C stretching mode with the XRD 3C-SiC peak and they further were used to determine the H concentration ([H]) quantitatively from the Si-H related modes, as reported by King et al.
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Secondary ion mass spectrometry (SIMS) depth profiling has been performed in UHV-ambient (residual gas pressure <1 Â 10 À10 mbar) with a quadrupol instrument (ATOMIKA 4000). In order to get better statistics and to rule out lateral deviation in the film composition, SIMS analysis of the lc-Si 1Àx C x :H(O,N) films has been repeated at least once at different areas of each sample. ) ion implantations (150 keV ion acceleration in both cases) in single crystalline SiC-wafer. 15 Depth profiles of the silicon and carbon matrix elements have been collected during 6 keV Csþ-bombardment at 65 , with respect to the sample normal, applying the CsMþ technique. 16 The resulting 133Cs28Siþ and 133Cs12Cþ dimer ion count rates have been quantified assuming constant sensitivity factors for both matrix species, as previously reported in the literature. 17, 18 In case of the quantitative matrix elements analysis, the ratio of CsMþ sensitivity factors has been determined during sputter removal of single crystalline SiC wafer applying exactly the same bombardment conditions as used for depth profiling of the lc-Si 1Àx C x :H films, i.e., proceeding these calibration runs at least twice for each lc-SiC:H samples-set mounted on the SIMS sample holder.
Dark conductivity (r d ) was measured at room temperature in atmosphere. Furthermore, temperature dependent measurements of r d and thermopower were performed over a coplanar contact distance of 4 mm in vacuum, as reported elsewhere. 19 Each data point of thermopower was determined by varying the temperature gradient from DT % þ30 K to À30 K. In this measurement, geometry, surface oxide layers, etc., do not play a role as long as they do not result in carrier accumulation within the material. We varied the temperature from 360 K to 600 K. Charge carrier density (n) was calculated from thermopower (S) using
where k B is the Boltzmann constant, q is the elementary charge, N C is the effective density of states at the conduction band, and A C is the heat of transport. Based on former investigations of lc-SiC:H(n): N C ¼ 3 Â 10 15 T 3/2 and A C ¼ 4.
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By using the results of n and r d , we also derived the charge carrier mobility (l) with l ¼ r d /(qn). To determine the activation energy (E a ) we used the slope of r d in Arrhenius plot form at 360 K. From the slope of the Arrhenius plot of l and n, we deduced the thermal activation of mobility (l T ) and of charge carrier density (n T ). Because the thermopower setup requires an electrical resistance minor to 100 GX, not all samples could be measured. Thus, from our samples we could only measure layers with r d ! 10 À9 S/cm.
III. RESULTS
In Fig Si-C mode is most prominent. For HWCVD layers, the peak intensity decreased from 8. . In addition, the integrated peak intensity, which is defined as the area below the Si-H related peak, increased with increasing F MMS .
In Fig. 4 In Fig. 6 , the activation energy of the dark conductivity E a , of the mobility l T and of charge carrier density n T are plotted as a function of L SiC . For HWCVD films, E a decreases from 0.51 eV to 0.19 eV for increasing L SiC from 9.6 nm to 47.4 nm. Similarly, also l T and n T decrease from 0.33 eV to 0.14 eV and from 0.18 eV to 0.04 eV, respectively.
IV. DISCUSSION
The values for dark conductivity r d of the HWCVD and the PECVD lc-SiC:H layers cover a large range, namely, 2.0 Â 10 À4 -1 Â 10 À12 S/cm, offering the opportunity to relate the lc-SiC:H material structure and its impurities to the general electrical transport mechanisms.
In order to produce layers with conductivities of this very large range, we varied the monomethylsilane flow rate F MMS , while keeping the hydrogen dilution and all other parameters constant or in other words, we varied the total gas flow rate. Evolution of microstructure and electronic properties in growth direction is commonly observed in disordered semiconductor films deposited of gas phase. In order to minimize a possible impact of the film thickness we adjusted the deposition time to obtain a thickness of approximately 200 nm for all samples in the study. The influence of F MMS on the material properties is comparable with the influence of an increase of hydrogen dilution, as reported by Finger et al. 2 and Miyajima et al. 6 They conclude that an increase of hydrogen dilution leads to a decrease of disorder in the microstructure. Similarly, we derived from the FWHM of the FTIR and XRD data that the reduction of F MMS leads to a decrease of disorder in the microstructure. From the shift of the SiC peak position in FTIR and in XRD we derive that the binding length of Si-C decreases when F MMS is reduced. In addition to the higher order in the microstructure, we also observe an approach of C-fraction x closer to 0.5, an increase of the coherent domain size L SiC , and a decrease of hydrogen concentration [H] for both deposition methods. The variation of all these material parameters seems to play an important role for an improvement of r d , if no active doping gas is used. It seems that using smaller F MMS or, in other words, providing a longer residence time per MMS-molecule, permits all Si and C atoms to find an energetically better position on the substrate surface.
It has been suggested by Refs. 2 and 6 that a deposition from MMS gas as precursor would be beneficial for the formation of perfectly stoichiometric lc-Si 1Àx C x :H layers with x ¼ 0.5, as MMS (CH 3 SiH 3 ) contains Si and C in equal proportions. Nevertheless, our SIMS measurements reveal an Si excess for all samples, even though MMS was used for the formation of lc-SiC:H. According to K€ ohler et al. 12 and according to the measured XRD data obtained from the present series, there is no amorphous phase detected for lcSiC:H. Hence, the question about the location of the excess silicon arises. SiC coherent domains are expected to be stoichiometric. Therefore, the excess silicon has to be located outside of the domains bulk. Here we propose a hypothesis to resolve this discrepancy. If we assume all SiC coherent domain surfaces to be Si-terminated, it would lead to higher Si content, if a large number of small coherent domains come into play. The validity of this assumption can be checked with a simple estimation. We quantify the theoretical amount of Si atoms, hypothetically located at SiC coherent domain surfaces, and compare it with the measured values of excess Si. To do so, we simplify the form of the SiC coherent domains to cubes with a size of L. The thickness of a crystalline SiC monolayer is given by D 
By definition, the surface layer consists of equal quantity of Si and C atoms. Assuming that the coherent domains are completely Si-terminated, then leads to the fact, that all C atoms of the surface layer would be replaced by Si atoms, which would use an approximate volume of V s /2. It is also possible to express the volume of the Si excess as (1-2x)L
3
. By combining both equations as (1-2x)
, the coherent domain size L can be written as
This relation is plotted in Fig. 7 together with our experimental data of L SiC and C fraction x of HWCVD and PECVD layers. The calculated curve from Eq. (3) is in good agreement with our experimental data. Therefore, we propose that the SiC coherent domains could be terminated by the excess silicon.
Before the Si-termination can be related to the electrical properties of lc-SiC:H, it is also important to discuss the location of H. Since the solubility of H in crystalline SiC (cSiC) is very low (10 14 cm À3 (Ref. 26)), we propose that most of H atoms should be situated outside the SiC coherent domains. As further the material seems to not contain an amorphous phase, 12 we suggest that H atoms should be mostly bound to the Si atoms that terminate the surfaces of the SiC coherent domains. In order to examine the validity of this suggestion, the concentration of Si at the coherent domain surfaces can be compared with the determined H concentration of the films. From (1-2x)D we can derive the Si excess concentration at coherent domain surfaces for all C-fractions x and compare it with the corresponding [H], as shown in Fig. 8 . In average, we find a 2.8 Â 10 21 cm À3 higher concentration of H than Si-excess for HWCVD layers. For PECVD, [H] seems to depend also linearly on Si-excess concentration. Thus, we can only speculate that H could be partially located at the SiC coherent domain surfaces. Another aspect of lc-SiC:H films is the presence of an amorphous nucleation zone, where all the other H atoms could be located. The lc-SiC:H films are probably sufficiently thick, so that the amorphous nucleation zone could not be sufficiently detected by our XRD measurements, which should also be valid for the XRD data published by K€ ohler et al.
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Qualitatively, our idea of H being located in amorphous phases between the coherent domains and in the nucleation zone would be in good agreement with the work of Heidt et al. 27 who observed a high degree of disorder within the nucleation zone and at heterogeneous grain boundaries, by using energy filtered transmission electron microscopy.
Following our hypothetical model that larger coherent domain sizes might lead to smaller SiH x termination concentrations, the question arises, whether a decrease in termination concentration is the origin for the improvement of the electrical transport in the material. In Fig. 4(b) , for both deposition techniques r d increases drastically with decreasing [H] . However, it is difficult to draw a direct relation between the decrease of SiH x termination concentration and the increase in n by 4 orders of magnitude that we observed (Fig. 5) , while l only increases by less than 1 order of magnitude. In the literature, O and N impurities originating from contamination are discussed as possible candidates for the creation of donor-like states within the energy gap of lcSiC:H. 2, 6, 7 From c-SiC it is well known that N is a very good shallow donor impurity, due to its low ionization energy. 28 Unlike the case of unintentionally n-type doped microcrystalline silicon, where the use of gas purifiers during deposition decreased [O] and r d , 29 Finger et al. 2 reported that the electrical properties of unintentionally n-type doped lcSiC:H were not affected by gas purifiers. In the present work, although r d covers a very large range-9 orders of magnitude- [O] In the following we discuss two plausible options that might explain the strong increase of r d , which is dominated by an increase of n, without any increase of the donor impurity concentrations.
A plausible option could be a H passivation of the donors, as reported by several groups for c-SiC. [30] [31] [32] The groups calculated the passivation level from the drop in electron spin resonance (ESR) signal for nitrogen-related paramagnetic states before and after hydrogenation of the c-SiC, Another plausible option to explain the strong increase of charge carrier density n arises from the Seto model. 33 Seto assumed a doped polycrystalline silicon material composed of grains of identical size and differentiated between bulk region and grain boundary region. The bulk region can be treated as crystalline silicon whereas the regions of the grain boundaries contain trap states in the band gap. Consequently, in the bulk the position of the Fermi level is defined by donor or acceptor states and at the boundary by trap states that cause a depletion of that region. Following the model of Seto, we can try to explain the dependence of n and L SiC . According to the model, the average carrier concentration n in a grain should consist of contributions from the depleted grain boundary region and the undepleted bulk of the grain. Thus, for small grains, the depletion region would cause a reduction of the average n in the grain, whereas for larger grains the effect of the depleted grain boundaries should be smaller, which is qualitatively in good agreement with our results (Fig. 5(b) ). In addition, the reduction of the activation energy E a for larger L SiC , shown in Fig. 6 , is consistent with the introduced idea, as it can be considered as an integrated value of all local activation energies from one coherent domain boundary to the other. In addition, the thermal activation of mobility l T and thermal activation of charge carrier density n T also support the proposed idea as they also decrease for larger coherent domains (Fig. 6) . Based on Seto's model
where L is the coherent domain size, E B the barrier potential height, and T the temperature. Assuming E B to be constant for different L SiC in our case, qualitatively the trend for l(L) (Fig. 5(a) ) is not in contradiction with Seto's model. Finally, it might seem contradictory that on the one hand r d and n show such a strong dependence on L SiC (Figs. 1 and 5(b) ), but are similar for both techniques, although L SiC is very different. For instance, the HWCVD layer with L SiC ¼ 8 nm only shows r d ¼ 10 À11 S/cm whereas the PECVD layer with L SiC ¼ 7 nm provides r d ¼ 10 À3 S/cm. Probably a major reason is that all electrical transport properties, i.e., r d , n, and l, are measured in plane to the growth direction whereas L SiC , derived from XRD, represents the average coherent domain size perpendicular to the growth direction. From literature it is known that HWCVD SiC grains grow in the form of columns along the film growth, 2, 12, 27 whereas PECVD SiC grains grow in the form of well-distributed ellipsoids. 34 
V. CONCLUSION
In this work, we present new insight into the microstructure of unintentionally n-type doped lc-SiC:H thin-films and the understanding of the mechanisms responsible for their unique electrical properties if no active doping gas was used during the HWCVD or PECVD fabrication. We found out by SIMS measurements that no direct correlation exists between oxygen or nitrogen concentrations and high dark conductivity r d , high charge carrier density n, and low activation energy E a . Higher r d seems to rise from lower hydrogen concentrations or/and larger coherent domain sizes L SiC . On the one hand, the decrease of r d with increasing hydrogen concentration might be due to the inactivation of donors by hydrogen passivation that gives rise to decreased n. On the other hand, qualitatively consistent with the Seto model, the lower r d and lower n might be caused by smaller L SiC , since the fraction of depleted grain boundaries with higher E a increases accordingly.
